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Elevated temperature tensile properties and
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A Cu-10 vol% Cr in situ composite was produced by melt processing and deformed by
swaging to form rods with a total deformation true strain of 3.15. Scanning electron
microscopy showed that the composite microstructure consisted of Cr fibres aligned with
their long axes parallel to the rod axis. X-ray diffraction indicated that the Cr fibres had a
strong 〈110〉 fibre texture. The mechanical properties of the composite were measured by
tensile testing over the temperature range −70 to 600◦C. Examination of fibre fracture and
fibre-matrix debonding at and near the tensile test fracture surfaces indicated that a
transition from localised to global damage occurred between 300 and 400◦C.
C© 2003 Kluwer Academic Publishers

1. Introduction
Over the past 25 years, a class of Cu conductive ma-
terials (Cu-X) possessing excellent mechanical and
electrical properties, have been developed within the
framework of metal matrix composites [1–10]. These
composites, comprise copper (fcc) with an element X
(where X is a bcc metal immiscible in Cu such as Nb, Cr,
Fe, Mo or V). The composites are formed by mechan-
ical working (swaging, extrusion, rolling or drawing)
of ductile two phase mixtures prepared by liquid phase
sintering, casting or powder metallurgy. The fact that
Cu-Cr can be co-deformed, in spite of the brittle nature
of pure Cr at room temperature, was first studied by
Funkenbusch et al. [11, 12] in a Cu-17 vol% Cr alloy
drawn into wires. In service, the strategy is that the fi-
brous metal X can bear the higher fraction of load while
the surrounding Cu matrix gives good conductivity and
ductility. Considerable strengthening also accrues from
the microstructural refinement of both phases. The Cu-
Cr system is of particular interest because of the limited
solubility of Cr in Cu, relatively low cost and good mi-
crostructural stability at high temperature. This makes
Cr an excellent reinforcing metal for Cu based in situ
composites.
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In these composites, the volume fractions of the sec-
ondary phase are relatively low (≤0.2) so that it exists
as isolated particles in a powder compact or isolated
dendrites in a casting. This kind of material is often
termed an “in situ composite” because during defor-
mation processing both phases deform with the result
that filament with very large aspect ratios are formed
in a matrix material. The key factor in the formation
of these composites depends on the starting material.
The first step in the preparation of these composites is
the manufacturing of a billet of a two-phase alloy. The
initial shape (spherical, dendritic, globular, etc.) of the
phases in the billet is not very important because when a
very large deformation strains are employed, an aligned
fibres of the secondary phase would be produced.

The room temperature mechanical properties of cop-
per based composites have been extensively studied in
recent years, and some investigators have examined the
effect of elevated temperature annealing on their room
temperature mechanical properties. However, few stud-
ies have reported on the tensile behaviour of such com-
posites at elevated temperature. The load partitioning
ratio between the matrix and reinforcement normally
remains constant as long as both components behave in
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a linear elastic manner. Upon plastic deformation, this
ratio changes ideally so that the reinforcing phase car-
ries a higher portion of the applied load. However, with
increasing stress in the reinforcement, it may fracture
or debond from the matrix, thus reducing the load it car-
ries and reducing the overall load bearing capacity of
the composite which eventually will lead to composite
failure.

The aim of the current study was therefore to char-
acterise the thermomechanical response of a Cu-Cr
composite over a wide range of temperatures, both in
terms of composite properties, and the nature and ex-
tent of any damage mechanisms occurring within the
composite.

2. Experimental procedure
2.1. Materials
The Cu-10 vol% Cr in situ composite used in this study
was produced by vacuum casting at 1870 K by Es-
sex Metallurgical Limited. The final ingot was approx-
imately 14.5 mm in diameter. It was then hot forged
at 1170 K and swaged at room temperature into 3 mm
diameter rod. Deformation reduction can be expressed
in terms of true strain η by:

η = ln

(
A0

Af

)

where Ai is the initial cross sectional area of the spec-
imen, and Af is the final cross sectional area after de-
formation. This true strain must be greater than around
3 (equivalent to a reduction in area of approximately
95%) to achieve any strengthening effect in the com-
posite. In the 3 mm rod, the deformation strain η was
3.15 which was approximately 95.6% reduction in area.

2.2. Material characterisation
Tensile tests were carried out on a Hounsfield machine
at temperatures ranging from −70 to 600◦C under dis-
placement control at a rate of 16.7 µm/s, with the Cr fi-
bres parallel to the loading direction. Tensile test pieces
used were 70 mm long and 3 mm in diameter. To ensure
that the tensile test samples fractured in the central re-
gion, the middle section of 20 mm length was machined
into a square cross section with a width of 2.2 mm.
The axial strain was monitored by using a video exten-
someter (ME-46 Full Image Videoextensometer). For
tests performed at elevated temperatures, a 3 kW heat-
ing element was used, with the specimens and attached
equipment given 30 min at elevated temperature before
testing began. To ensure a uniform heat distribution on
the specimen, 4 ceramic heaters were arranged to form
a circle around it. No load was applied to the specimen
during heating, and the specimen was removed immedi-
ately after testing to minimise any creep effects. Cryo-
genic tests were performed by spraying liquid nitrogen
directly onto the specimen. The supply of liquid nitro-
gen to the specimen was automatically cut-off when
the desired temperature (−70◦C) was achieved as mea-
sured by a thermocouple in contact with the sample.
The accuracy of this method was about ±5◦C.

X-ray diffraction (XRD) was performed on a
Siemens D5000 diffractometer using a Huber closed
Eularian cradle. Cu Kα radiation was (λ = 0.1541 nm)
on transverse sections of the material at η = 3.15. Since
the Cr phase is the minority phase in this composite,
12 transverse specimens were arranged closely to each
other to generate a more accurate data.

The fracture surfaces of the test specimens were sub-
sequently examined by SEM to determine the various
failure mechanisms that operate during tensile testing
of the composites. Selected fractured specimens were
also sectioned along their tensile axes and prepared for
metallographic examination. In order to characterise
the extent of damage as a function of temperature, mi-
crographs were taken of the polished samples near the
fracture surface (∼2 mm from the fracture surface), and
far from the fracture surface (∼8 mm from the fracture
surface) and at an intermediate distance (∼4 mm from
the fracture surface).

3. Results and discussion
3.1. Microstructural evolution
In the as-cast state, the Cr is in a dendritic form as shown
in Fig. 1. The dimension of dendritic Cr (including den-
dritic arms) varies from 20–100 µm. Because the differ-
ence in density is relatively slight (ρCu = 8.93 g cm−3

and ρCr = 7.14 g cm−3) gravitational segregation of the
primary dendrites during casting is not a major concern.
During subsequent deformation, the Cr dendrites elon-
gated into fibres parallel to the swaging axis (Fig. 2).
The good interfacial bonding between the Cu and Cr
makes the large deformation possible without any in-
terfacial failure, which is one of the advantages of in
situ composites. It can be seen that after deformation,
the original morphologies of dendritic Cr and equiaxed
Cr could not be distinguished. A small amount of what
appears to be some residual equi-axed Cr can be seen.
The mean thickness of the Cr fibres is 2 µm with an
aspect ratio of 25:1 (dimension parallel to the rod axis:
dimension perpendicular to the rod axis) as measured
from many SEM micrographs.

XRD texture analysis of the material at η = 3.15 in-
dicated that the Cr had the expected 〈110〉 fibre texture
and Cu a mixed 〈111〉/〈200〉 as shown in Fig. 3. The
Cu texture is the stronger. The 〈110〉 fibre texture in the
Cr limits the deformation of the Cr fibres to just two
of the four 〈111〉 slip directions, as shown in Fig. 4.
This plane strain mode produces Cr fibres that have el-
liptical, rather than circular, cross sections as seen in
a transverse section (Fig. 2). This tendency becomes
quite pronounced at high η values in Cu-X composites,
but it is relatively modest in these composites, since
their maximum deformation was only η = 3.15. Nev-
ertheless, this plane straining effect results in a larger
Cu-Cr interfacial area than would be present if the Cr
phase were more nearly cylindrical. This larger Cu-Cr
interfacial area will lower the effective shear stress at
the Cu-Cr interface by distributing the shear force over
a larger area, and thus this filament morphology may
be less likely to experience matrix-filament separation
than would be the case in a classic composite containing
cylindrical filaments.
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Figure 1 SEM image of the as-cast composite, the Cu matrix having being selectively etched away.

Figure 2 Three-dimensional representation of the microstructure from backscattered SEM micrographs after deformation to η = 3.15. The Cr fibres
(darker phase) lie parallel to the specimen rod (swaging) axis.

3.2. Mechanical properties
The stress-strain plots obtained at nine testing temper-
atures are shown in Fig. 5. These plots show that the
presence of the Cr fibres increases the room temper-
ature (RT) yield strength of the material by 77% and
the ultimate tensile strength of the material by 43%
compared to those of pure Cu. These are typical of the
strengthening effects seen in other Cu based composite
at this η level. The ductility of the material is relatively
low at all temperatures and decreases as the temperature
decreases.

As expected the addition of Cr results in a signifi-
cant increase in the Young’s Modulus and load bear-

ing capacity of the composite with a corresponding
loss in ductility. The Young’s Modulus of the com-
posite may be calculated using the isostrain loading
or isostress loading conditions. The Young’s modulus
predicted assuming the “Rule of Mixtures” (ROM) isos-
train loading condition (Ecomposite = EfVf + Em(1 −
Vf)) is greater than that of isostress loading condition
(Ecomposite = Ef Em/(Vf Em + (1− Vf)Ef). Here, Ef and
Em are the Young’s modulus of fibre and matrix respec-
tively, and Vf is the fibre volume fraction. Substituting
Ef = 280 GPa, Em = 135 GPa, and Vf = 0.1 into this
expression gives a composite modulus of 149.5 GPa
for the isostrain loading condition and 142 GPa for the

3439



Figure 3 XRD texture analysis pole figures for (a) 〈110〉 Cr, (b) 〈111〉 Cu, and (c) 〈200〉 Cu.

Figure 4 In a bcc crystal with a [110] direction aligned parallel to the
swaging direction, two of the four 〈111〉 slip directions are perpendicular
to {110} and so have no driving force for slip (Schmid factor = 0). Thus,
all slip is limited to the remaining two directions, the [111] and the [1̄11]
resulting in a plane straining filament with the unequal dimensions.

Figure 5 Stress/strain response for similarly processed unreinforced
copper (RT) and Cu-10 vol% Cr composite tested from −70 to 600◦C.

isostress loading condition. Since the aspect ratio of
Cr fibres is fairly high and fibres are aligned parallel
to the loading axis, one would expect the actual mod-
ulus to be close to the isostrain prediction. The slope
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of the elastic region in Fig. 5 for the composite tested
at room temperature is 142 GPa, which is close to the
calculated isostress value. However, this does not nec-
essarily mean that Cr fibres and Cu matrix are loaded
in series since the predicted values are within the range
of experimental error. The experimental modulus from
mechanical testing is likely to be a little lower than the
real modulus because machine modulus is usually re-
flected in the experimentally observed modulus and the
possibility for early macro-yielding.

Models for predicting tensile strength are generally
oversimplistic. The ROM implicitly assumes there is no
mechanical interaction between components other than
the transfer of load across the interface between them.
Blind application of the method predicts a room temper-
ature tensile strength of 321 MPa (σm = 280 and σf =
690 MPa). However simple composite models do not
really include the extent of microstructural refinement
since the unreinforced materials are unlikely to have
the same level of microstructural refinement as for the
composite. The ROM value is lower than the 430 MPa
measured tensile strength of the composite at room
temperature. The difficulty in obtaining pure Cr tensile
strength data at temperatures below 300◦C make ROM
estimates somewhat unreliable, but even if one allows
for considerable variation in the σf value, the ROM pre-
dictions are still low. Cu-X composites frequently have
strengths higher than ROM predictions for reason that
have been discussed at length elsewhere. Positive devi-
ations from the rule of mixtures occur, with the magni-
tude increasing with increasing strain [12]. Observed
tensile strengths eventually approach the theoretical
limit at drawing strain of η = 9–10 and the fibre di-
ameters of tens of nanometers. Dislocation density was
found to increase rapidly with strain until the fibre size
reaches very small values (tens of nanometers) at which
point it decreases sharply and some fibres appeared
nearly dislocation free. This behaviour was due to the
reduction of interphase spacing with strain and must
involve comparatively long range (e.g., dislocation/
dislocation) rather than short range (i.e., atomic scale)
interactions.

The existing models for microstructural strengthen-
ing of Cu-X composites are difficult to apply to the Cu-
10 vol% Cr composite data of the present study, since
tensile strength was measured only at one value of η

(=3.15) at which the interfilamentary spacing is greater
that the microstructural scale of Cu matrix [13]. There-
fore, both barrier strengthening models (Spitzig and
coworker) and dislocation storage models (Courtney
and coworkers) cannot be used to predict the strength
of Cu-Cr of the present study since the microstruc-
tural scale (50–300 nm) of highly deformed compos-
ite is much smaller than that (2–5 µm) of the present
study.

3.3. Microstructural damage accumulation
Almost no damage was observed in the composites
after swaging. As a result, the effect of process in-
duced on the subsequent damage evolution during ten-
sile testing of this composite has been neglected by this
study.

3.3.1. Low temperature straining
Microstructural observation of longitudinal sections of
the fractured specimens show that the damage in the
composite was highly localised near the fractured sur-
face as shown in Fig. 6. Damage was seen in the form
of reinforcement cracking. Fibre cracking is severe and
frequent at −70◦C, suggesting the ductility of Cr fibres
decreases rapidly below room temperature.

3.3.2. Room temperature straining
The evidence of longitudinal sections and fractography
is consistent with previous internal stress measurements
[14] that suggest both phases co-deform during tensile
testing. This in itself is not surprising since the samples
were previously co-deformed by cold swaging so that
one might expect both phases to reach their tensile yield
criterion at approximately the same composite tensile
strain. Fig. 7 shows ductile dimpling of the Cu matrix
along with some evidence of necking of the Cr fibres,
most of which lie at the base of the matrix dimples. The
mechanism of failure is clear from the associated longi-
tudinal section taken near the fracture surface (Fig. 8).
Matrix voids have formed in regions of fibre ends or
where fibres have necked to failure. No evidence of
Cu-Cr separation or early brittle Cr fracture is visible
in this fractograph or in several others taken of this re-
gion. Such failure sites were rare even in the immediate
vicinity of the fracture surface and were not found at
all farther from it.

3.3.3. Elevated temperatures
The micrographs shown in Figs 9–11 were taken from
specimens tested at 300◦C, 400◦C, and 500◦C respec-
tively. In all cases damage in the form of matrix cav-
itation is primarily located near the ends of Cr fibres.
There was also some evidence of matrix cavitation at
the interface between the Cu matrix and the Cr rein-
forcement. In all cases, failure occurred by the coales-
cence of cavities. The level of damage was found to
increase as the temperature increases. At temperatures
up to 300◦C, microstructural observation of longitudi-
nal sections immediately beneath the fracture surface
showed that the damage in the composite was fairly
localised. Further from the fracture surface, not much
damage was seen (Fig. 9). For the composite tested at
400◦C, the level of damage was slightly greater near
the fracture surface than at 300◦C but was also found to
be more homogeneous extending throughout the gauge
length as shown in Fig. 10. One interesting observa-
tion is that cracks in Cr fibres surrounded by intact Cu
matrix were rarely observed at high temperature unlike
at low temperatures (Fig. 6), suggesting that Cr fibres
are sufficiently ductile under these conditions. Damage
was extensive and the primary damage mechanism was
void nucleation at the fibre ends although some fibres
were found to neck creating matrix voids. These fea-
tures were accentuated in the sample tested at 500◦C so
that damage was extensive and spread throughout the
gauge length.

In order to understand the failure mechanism of Cu-
Cr composites, it is necessary to figure out whether
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Figure 6 Typical micrographs obtained (a) near the fracture surface and (b) remote from the fracture surface of Cu-10 vol% Cr specimen tested at
−70◦C: note that damage is localised near the fracture surface in the form of reinforcement cracking (indicated by the arrows).

Figure 7 Typical micrograph for the Cu-10 vol% Cr specimen tested at room temperature.
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Figure 8 Longitudinal section of the fractured Cu-10 vol% Cr specimen (2 mm away from the fracture surface).

the voids in the Cu matrix precede the failure of the
Cr fibres or vice versa. The failure sequence can be
deduced by observing the damage accumulation with
increasing strain. Since the strain is more extensive near
the fracture surface, it may be assumed that the appear-
ance of the damage far away from the fracture surface
resembles the early stages of the failure. Voids were
also occasionally observed between the ends of two
aligned Cr fibres at which the local stress is high [15,
16]. A careful examination of the micrographs far from
the fracture surfaces (Figs 10c–11c) suggests that voids
develop first near the ends of fibres before the necking
failure of fibres at high temperatures. Fibre necking of-
ten occurs in regions for which strain is accentuated by
nearby fibres end-related matrix voiding. The appear-
ance of major cracks in Fig. 11a also suggests that the
final crack was formed by a conventional void coales-
cence and link-up process. At high strains and temper-
atures localised voiding contributes significantly to the
total strain achieved.

4. Discussion
The performance of a composite is strongly dependent
upon the efficiency with which load is transferred to
the reinforcement during deformation. This is deter-
mined by the misfit generated between the two phases.
In a MMC, elastic and/or plastic heterogeneities gen-
erate the misfits, which in turn results in load transfer
to/from the reinforcement. The resulting high reinforce-
ment stresses, and high local stresses within the matrix
near the reinforcement, may then promote stress re-
laxation mechanisms. The operation of such stress re-
laxation mechanisms, which may involve microstruc-
tural modification such as dislocation rearrangement
near interface regions and phase boundary sliding and
microstructural damage such as reinforcement fracture
and matrix cavitation, will then act to reduce the misfit
and transfer load back to the matrix. Therefore, mi-
crostructural observations on the extent of damage in a
fractured specimen can provide an indication whether
load transfer has occurred.

At room temperature, both phases (Cu and Cr) are
able to deform plastically [14]. A previous study has
shown that the onset of plasticity results in a strain
misfit between the phases which acts to transfer load
towards the Cu phase [14]. In other words the Cr de-
forms slightly more and slightly earlier than the Cu.
This surprising result was borne out by final residual
strains. The co-deformation processing prior to testing
had meant that the Cr phase reached the yield locus
at approximately the same strain as the Cu phase due
to a combination of its high stiffness and the probable
presence of swaging induced residual stresses. A higher
stiffness for the Cr phase relative to the Cu phase meant
that although the two phases deformed approximately
equally, the Cr phase had the larger plastic component
resulting in load transfer from Cr to Cu with increased
straining. In the current work, the longitudinal sections
taken at room temperature are suggestive of fairly uni-
form strain, except in the immediate vicinity of the frac-
ture surface. In this region a damage site (caused by a
necked filament or a filamentary end) soon becomes
critical and grows to catastrophic failure.

At high temperatures, on the other hand, plasticity
would appear to be uneven, resulting in high stresses
in the fibres which cannot ultimately be borne by the
matrix near the filament ends. This results in the nucle-
ation of many small voids. These remain relatively sta-
ble, growing both in size and number until finally void
coalescence occurs giving rise to failure. The more ho-
mogeneous distribution of voids with increasing tem-
perature is thought to be associated with increase of
strain rate sensitivity and a decrease in strength in the
Cu matrix with increasing temperature. The strain rate
sensitivity of pure metals tends to rise linearly with the
absolute temperature [17, 18]. It is well known that the
deformation and damage become more homogeneous
with increasing strain rate sensitivity [19, 20].

At low temperatures, the phases would strained
equally but, the constraint is not sufficient for ductile
flow in the Cr phase. Consequently, most of the dam-
age occurs in the form of reinforcement cracking. This
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Figure 9 Typical micrographs taken from (a) near the fracture surface and (b) intermediate distance from the fracture surface (c) far from the fracture
surface for Cu-10 vol% Cr specimen tested at 300◦C.
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Figure 10 Typical micrographs taken from (a) near the fracture surface and (b) intermediate distance from the fracture surface (c) far from the fracture
surface for Cu-10 vol% Cr specimen tested at 400◦C.
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Figure 11 Typical micrographs taken from (a) near the fracture surface and (b) intermediate distance from the fracture surface (c) far from the fracture
surface for Cu-10 vol% Cr specimen tested at 500◦C.
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occurs before the critical hydrostatic stress required for
cavitation in the matrix due to the brittleness of the Cr
phase at this temperature. This damage mechanism in
the composite has been modelled by Evensen and Verk
[21]. The load is transferred back to the Cu matrix af-
ter the reinforcement fractures. This means that at the
region of the fractured reinforcement, Cu will deform
at a higher local strain rate than the global strain rate.
The voids (formed between the Cr fracture points) will
grow laterally because there is a plastic zone [21] which
extends sideways into the Cu matrix which is no longer
constrained by the reinforcement. Failure then occurs
when adjacent voids combine. Microstructural obser-
vations showed that the damage was concentrated near
the fracture surface, which suggests that this form of
damage is catastrophic, and cannot be accommodated
in the composite without rapidly leading to the onset of
failure. The ductility of this composite at this tempera-
ture is therefore expected to be low, which is consistent
with the low measured failure strain.

5. Conclusions
At room temperature, co-deformed Cu-10 vol% Cr
composite has superior yield strength over similarly
processed unreinforced Cu. With increasing strain, a
monotonic rise in yield stress and a concomitant de-
crease in ductility is observed for Cu-10 vol% Cr
composite.

During room temperature tensile testing, both phases
yield plastically. As the test temperature is increased,
the Cu becomes much more plastic (softer) than the
Cr. As a result of this, a significant misfit is generated
between the matrix and reinforcement during deforma-
tion, and the Cr is preferentially loaded. This is consis-
tent with the microstructural observations which show
that damage occurs preferentially near fibre ends as the
test temperature is increased. With increasing temper-
ature, a transition was observed from co-deformation
and localised damage at the fracture surface to inhomo-
geneous deformation but homogeneously distributed
damage. This has been observed for other ductile matrix
composite systems as a function of temperature.

The concept of localized and global damage are use-
ful to explain the temperature dependency of the dam-
age distribution and thus ductility. When fracture of
a fibre leads to significant stress concentration on the
neighbouring fibre, then the adjacent fibre could fail
and set up a chain of failures leading to the ultimate
failure of the composite. This type of damage is termed
localised damage. The composite strength is then dom-
inated by a few potential damage sites and the full fi-
bre bundle strength is never realized. If global damage
controls the behaviour of the material, then the occur-
rence of a damage event relaxes the stresses in that area
of microstructure. As a result this stress will be dis-
tributed throughout the composite. Therefore the sub-
sequent damage event is more likely to occur in another
region of the specimen, as the stress in the area of the

initial damage is relaxed. This results in a homogeneous
distribution of damage within the composite. Clearly,
global damage conditions are desirable for high frac-
ture toughness because it leads to greater ductility and
damage tolerance.

In the present study, a clear transition in the distribu-
tion of damage occurs from 300◦C to 400◦C. At higher
temperatures deformation is greater in the Cu phase and
peak stresses are relaxed by increased plasticity and dif-
fusion rates, so that local stresses within the Cu matrix
are more easily relaxed after a void is formed. It can
be concluded that as the temperature is increased, there
is a distinct change from localised to global damage
within the composite. The more homogeneous distri-
bution of Cu-Cr composites with increasing tempera-
ture is thought to be associated with a decrease in Cu
strength and an increase of strain rate sensitivity.
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